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Abstract—Lithium disilicates are commercially important and among the most widely studied and well-characterized glass-ceramics, but their toughening mechanism – and those of most glass-ceramics – is still unknown. In this work, stoichiometric lithium disilicate glasses were used as a model
system and crystallized using carefully designed and controlled two-stage heat treatments to give diﬀerent crystallized volume fractions while maintaining a constant grain size of approximately 12 lm. This original procedure allowed us to separately control the eﬀects of these two microstructural
parameters on the mechanical properties of the glass-ceramic. The hardness, elastic modulus, four-point bending strength, indentation fracture
toughness and double-torsion fracture toughness were measured for samples with diﬀerent crystallized volume fractions, ranging from the parent
glass to fully crystallized samples. We found that the bending strength increases rapidly with crystallization at crystal volume fractions below
10% and reaches a value 2.5 times greater than that of the original glass. For a fully crystallized sample, the fracture toughness increases almost
ﬁvefold, from 0.75 to 3.5 MPa.m1/2. Laser confocal microscopy was used to reveal the topography of the fracture surfaces. Three mechanisms that
contribute to toughening – crack deﬂection, crack bowing and trapping, and crack bridging – were evaluated. A model incorporating the elastic modulus, crystal fracture toughness and crystallized volume fraction was proposed and successfully tested to explain the increased fracture toughness with
crystallized volume fraction for the full range of crystallization in LS2 glass-ceramics.
Ó 2014 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
Glass-ceramics result from the controlled crystallization
of one or more crystalline phases embedded in a glassy
matrix and normally have superior mechanical properties
to non-ceramic glasses. By carefully controlling their composition and microstructure, several glass-ceramics have
been designed for domestic and technological applications,
such as bioactive implants [1], optical devices [2] and ultralow thermal expansion materials [3–5].
One of the most successful commercially available glassceramics for dental applications is based on lithium disilicate (LS2) crystals. These commercial glass-ceramics typically contain a 50–80% volume fraction of 1–10 lm
lithium disilicate crystals embedded in a residual glass
matrix. The crystals are lath shaped, forming a highly interlocked microstructure, which is responsible for their high
mechanical strength. In the intermediate stages of crystallization, when lithium metasilicate crystals form, this glassceramic can be machined to desired shapes. An additional
crystallization heat treatment forms LS2 and further
increases the fracture strength. At the end of the crystalliza-
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tion, the main crystalline phases are normally lithium disilicate and lithium metasilicate. The primary reasons for their
high strength are thought to be their interlocked lath-shaped
microstructure and the thermal expansion mismatch
between the crystal and the glass matrix, which causes residual stresses that can contribute to crack deﬂection [6].
Some mechanical properties and residual stresses in stoichiometric LS2 glass-ceramics have already been measured
and discussed [7–9]. However, these measurements were limited to relatively low crystallized volume fractions, or only
the elastic modulus and bending strength were reported.
In this work, we performed an extensive investigation of
a set of properties – hardness, elastic modulus, ﬂexural
strength, indentation fracture toughness and fracture
toughness – of glassy to fully crystallized samples, while
keeping the crystal size constant. We discuss the experimental results, considering the three main toughening mechanisms in glass-ceramics – crack deﬂection, crack bowing
and trapping, and crack bridging. Finally, we propose
and test a new model that successfully explains the
observed data. To the best of our knowledge, this report
is one of the most comprehensive and elucidative studies
of mechanical properties as a function of microstructure
while keeping the grain size constant reported for glassceramics.

http://dx.doi.org/10.1016/j.actamat.2014.12.007
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2. Experimental procedure
A stoichiometric lithium disilicate (Li2O.2SiO2) glass was
prepared by mixing 260 g of the precursor powders (Li2CO3;
Vetec) and SiO2 (Vitrovita; Quartz 2) in a rotating polyethylene bottle for 2 h and then melting in a platinum crucible
at 1400 °C for 2 h in an electric furnace in air. The melt was
cast between massive steel plates, and the resulting glass
pieces of 60  30  25 mm3 were annealed at 440 °C
(15 °C below the glass transition temperature, Tg) for
30 min to partially relieve the residual thermal stresses.
The samples were cut using a diamond saw, polished using
silicon carbide paper up to 1200 grit and ﬁnished with a cerium oxide suspension. After polishing, all samples were submitted to thermal treatment at 435 °C for 2 h to relieve the
stresses induced by the cutting and polishing procedures.
Crystallization was performed using a two-stage heat
treatment, the ﬁrst for nucleation and the second for crystal
growth. These heat treatments were performed in an electric
furnace with the temperature controlled to within ±1 °C.
The nucleation and growth temperatures were 455 and
560 °C, respectively. The nucleation time was varied to
obtain diﬀerent crystallized volume fractions, whereas the
growth period was held constant to obtain crystals with
the same diameter. All samples had a very narrow size distribution (this narrow distribution is very important for
the correlation of fracture strength and toughness with crystallized volume fraction, described later in this article). The
crystallized volume fraction was evaluated by analyzing several optical micrographs using the software ImageJ [10]. At
least 500 crystals were observed to ensure a good ensemble.
The crystals revealed themselves in the microstructure after
exposure to air for a few days due to the diﬀerential eﬀects of
humidity on the crystals and the residual glass matrix.
The Tg was measured using a diﬀerential scanning calorimeter (DSC; model DSC 404, Netzsch), with a heating
rate of 10 °C min1. The thermal expansion coeﬃcient of
the glass (ag) and glass-ceramic samples with diﬀerent volume fractions (agc) were obtained using a Netzsch DIL
402PC dilatometer in the temperature range from 40 to
430 °C.
The crystalline phases were identiﬁed using X-ray diffraction and a Rigaku Ultima IV X-ray diﬀractometer.
The X-ray spectra were obtained in samples with diﬀerent
crystallized volume fractions using Cu Ka radiation in the
h–h conﬁguration. The diﬀraction peaks were measured
from 2h = 10° to 80° in 0.02° steps at room temperature.
The hardness (H) and elastic modulus (E) of the glass
and glass-ceramic samples were measured using instrumented indentation with a Nanoindenter XPe indenter
(MTS Instruments) with a Berkovich diamond tip. The
maximum applied load was 400 mN in 10 loading–unloading cycles. A matrix of 25 indentations was made in each
sample, and the values of H and E were calculated following the procedure of Oliver and Pharr [11]. Therefore, the
values of H and E are the averages for each group of
indentations.
Conventional microindentation tests were also performed using a Microindenter Leica VMHT MOT with a
dwell time of 15 s at room temperature. The applied loads
were 5 and 10 N. These loads were able to produce welldeﬁned radial cracks in the glass and crystallized samples.
A total of ﬁve indentations were performed for each load.
The radial crack lengths and indentation diagonals were
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measured no more than 15 min after the indentations tests
using an optical microscope. The indentation fracture
toughness (KC) values were calculated using the models of
Niihara et al. [12] and Anstis et al. [13] according to the following equations:

 2=5
c 3=2
KC/
H
¼ 0:129
ð1Þ
1=2
E/
a
Ha
rﬃﬃﬃﬃ 
E P
K C ¼ 0:016
H c3=2

ð2Þ

where a is the half-diagonal impression, 2c the radial crack
length and / a constant equal to 3. In all measurements,
c/a P 2.5.
The bending strengths of the glasses and glass-ceramics
were determined using a four-point bend jig. The jig and
rollers were made of stainless steel. The separations
between the inner and outer rollers were 10 and 20 mm,
respectively. The sample dimensions were approximately
30  2  2 mm3. Their preparation involved cutting, grinding and polishing in an aqueous CeO2 solution. The ﬁnal
surfaces were smooth and well polished. The load was
applied in compression mode using a universal mechanical
testing machine (Shimadzu AGS-X 5kN) with a constant
displacement rate of 2 mm.min1 and transferred to the
sample jig using an alumina sphere. A total of three samples were tested for each crystallized volume fraction and
the results are the average of these tests. The crystallized
surface layer was removed by polishing prior to testing.
The ﬁnal polishing was made in an aqueous CeO2 solution.
For one set of fully crystallized samples, the tests were performed without removing the crystallized surface layer to
investigate the eﬀect of the surface crystallization on the
bending strength.
The ﬂexural strength rS was calculated according to Ref.
[14]:
3P d
;
ð3Þ
Wt2
where d ¼ ðl1  l0 Þ=2, l0 and l1 being the inner and outer
roller separations, respectively, P is the applied load at fracture, t is the specimen thickness and W is the specimen
width.
The fracture toughness (KDTIC) of the glass and glassceramic samples was measured using the double torsion
technique at room temperature in air [15]. Sample plates
of 30  15  1.5 mm3 were cut and their surfaces polished.
A 10 mm long, 450 lm wide notch was introduced using a
diamond disk. An inclined tip was produced inside the
notch parallel to the major axis using the diamond disk
and a sharp crack produced by a 10 N load Vickers indentation was introduced near the notch tip surface to guide
the initial crack [16]. The testing apparatus consisted of a
jig and a universal testing machine (Shimadzu AGS-X
5kN). A schematic view of the experimental apparatus is
shown in Fig. 1. The jig consisted of four stainless steel
spheres, all of 3 mm radius, ﬁxed onto a plate and separated by 11 mm in width and 20 mm in length. An alumina
sphere with a 5 mm radius was placed between the edges of
the notch and used to apply the compression load, forming
a bending arm with the lower spheres of 5.5 mm. Previous
testing at a displacement rate of 0.01 mm min1 was
applied to promote crack growth. Finally, the load was
rS ¼
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Fig. 1. Schematic view of the double torsion apparatus used in this
work.

applied at a displacement rate of 2 mm.min1 for the determination of KDTIC. The samples were stress relieved before
and after the introduction of the notch by annealing at
435 °C for 2 h and cooling at a rate slower than 1 °C min1.
The aim of the heat treatment before the notch introduction was to ensure that the sample would not fracture during notching. Additionally, the aim of the heat treatment
after the notch was introduced was to ensure that a straight
crack would be produced. The experiments showed that if
the stresses were not relieved, the crack path would not
be straight. The fracture toughness KDTIC was calculated
according to Refs. [17,18]:
sﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
3
K DTIC ¼ P C W m
ð4Þ
Wt4 ð1  mÞw
where Wm is the moment arm, m is the Poisson’s ratio, PC is
the load at fracture and w is equal to 1  0:6302sþ
1:20s expðp=sÞ, where s ¼ 2t=W .
Before any mechanical test, such as hardness or indentation fracture toughness, all samples were treated at 435 °C
for 2 h and cooled at a rate slower than 1 °C min1 to room
temperature to relieve any surface residual stress caused by
the machining of the specimens. The internal residual stresses owing to the mismatch between the crystals and the
residual glass phases cannot be relieved.
Surface scanning proﬁles of the fractured surfaces of the
double torsion test samples were obtained using a laser confocal microscope (LEXT OLS4100) with a 20 objective
lens. These proﬁles were measured on diﬀerent regions of
the fractured surface. They were 250 lm in length and
aligned in the direction of the specimen length. The crack
angle at each point was determined based on the derivative
of the proﬁle. The crack deﬂection angle distributions were
calculated as a function of the crystallized volume fraction.

Fig. 2. Crystallized LS2 samples treated for (a) 42 h and (b) 72 h at
455 °C for crystal nucleation and 55 min at 535 °C for crystal growth,
corresponding to crystallized volume fractions of 32 and 84%,
respectively.

455 °C (onset), which is very close to the Tg of other
reported stoichiometric lithium disilicate glasses (e.g.
[19,20]). One exothermic crystallization peak and one endothermic peak, corresponding to the fusion of the crystallized glass, are also observed.
Thermal expansion data obtained via dilatometry for a
glassy and a fully crystallized sample are shown in Fig. 4.
The linear thermal expansion was calculated using a linear
regression ﬁtting of the thermal expansion curves. Average
linear thermal expansion coeﬃcients of 12.2  106 °C1
for the glass sample (ag) and 10.1  106 °C1 for the fully
crystallized sample (ac) were obtained. These values are in
good agreement with the literature values. For instance,
Freiman and Hench [7] reported a thermal expansion
coeﬃcient of 12.5  106 °C1 for a glass and one of
10.0  106 °C1 for a fully crystallized sample. Similarly,
Mastelaro and Zanotto [8] obtained 12.8  106 °C1 for
a glass and 10.8  106 °C1 for a fully crystallized LS2
sample.
X-ray diﬀraction of a fully crystallized sample allowed
for the determination of the crystal phases, and the resulting spectrum is shown in Fig. 5. The only crystallized phase
was Li2Si2O5, which has an orthorhombic unit cell belonging to the Ccc2 space group [21].
3.2. Mechanical properties
3.2.1. Hardness and elastic modulus
Fig. 6(a) shows the hardness obtained from
instrumented indentation experiments as a function of the
crystallized volume fraction (f). The hardness increases

3. Results
3.1. Crystallization and thermal properties
Fig. 2(a) and (b) show crystals nucleated in the samples
with 32 and 84% crystallized volume fractions, respectively,
after the removal of the crystallized surface layer. The crystals are slightly elongated, with a 1.6:1 aspect ratio, and the
long axis is 12 lm.
Fig. 3 shows a DSC trace of the glass measured as a
monolithic piece. The glass transition temperature is

Fig. 3. DSC trace of the LS2 glass used in this study. The glass
transition temperature was 455 °C, the crystallization onset occurred at
653 °C and the melting onset occurred at 1026 °C.
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Fig. 4. Dilatometric curves for glass and fully crystallized samples.

linearly with the crystallized volume fraction. The hardness
of the glass is 6.5 ± 0.2 GPa and that of the fully crystallized sample is 8.3 ± 0.6 GPa, showing an increase of
approximately 28%.
Fig. 6(b) shows the elastic modulus as a function of the
crystallized volume fraction. The elastic modulus is
80 ± 2 GPa for the glass and 133 ± 5 GPa for the fully
crystallized glass-ceramic. As observed for the hardness,
the dependence of the elastic modulus increases linearly
with the crystallized volume fraction. Massardo [22] also
measured the hardness and elastic modulus of stoichiometric LS2 glass-ceramics using instrumented indentation.
However, H and E were only determined for low crystallized volume fractions, up to 10%, and for a fully crystallized sample, not for intermediate or higher crystallized
volume fractions. Our values agree with those in Ref.
[22]. Mastelaro and Zanotto [8] also determined the elastic
modulus of a glass and a fully crystallized glass-ceramic
using an ultrasonic technique. They obtained values of 71
and 122 GPa for the glass and glass-ceramic, respectively.
These values are similar to ours.
3.2.2. Flexural strength
Samples with diﬀerent crystallized volume fractions and
with the crystallized surface layer removed were tested in a
four-point bending experiment. Fig. 7 shows the results for
glass-ceramics with diﬀerent crystallized volume fractions,
f. The glass ﬂexural strength was 103 ± 3 MPa, while the
fully crystallized sample had a ﬂexural strength of
260 ± 20 MPa – a notable increase of 150%. The largest
increase in the ﬂexural strength was observed for low values
of f. For highly crystallized samples, the increase was
almost linear with f. Fully crystallized samples for which

Fig. 6. (a) Hardness and (b) elastic modulus as a function of
crystallized volume fraction, as measured using instrumented indentation. The lines are a linear ﬁt of the data (r2 = 0.88 and 0.98,
respectively).

Fig. 7. Four-point bending strength of LS2 glass-ceramic samples as a
function of crystallized volume fraction. The line is only a guide to the
eye.

the crystallized surface layer was not removed were also
tested. These samples had an even greater ﬂexural strength,
290 ± 20 MPa, which is in agreement with other reported
values [23–25].
We checked for the presence of defects near the fracture
surfaces of the samples used for the ﬂexural strength tests
and observed the presence of pores. The results are
indicated in Table 1. Pores often nucleate and grow in
glass-ceramics due to density mismatches between the
residual glass and the crystal phase, and also due to the
expulsion of dissolved gases at the crystal/glass interface.

Fig. 5. X-ray diﬀraction pattern of a fully crystallized sample showing
only LS2 crystals.

3.2.3. Indentation fracture toughness
Fig. 8(a)–(d) show images of 10 N Vickers indentations
in the 3, 12, 33 and 84% partially crystallized LS2 samples.
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Table 1. Porosity and pore size as a function of crystallized volume
fraction from the ﬂexural strength tests.
Crystal fraction f (%)

Porosity (%)

Pore radius (lm)

16
48
100

0.4
3
5

9±5
15 ± 5
13 ± 5

Fig. 9. Indentation fracture toughness as a function of crystal volume
fraction according to the Niihara et al. and Anstis et al. models for 5
and 10 N loads. The lines are only guides to the eye.

Fig. 8. Optical micrographs of Vickers indentations in the (a) 3%, (b)
12%, (c) 33% and (d) 79% crystallized samples with a 10 N applied
load.

As the crystallized volume fraction increases, the cracks
changed their propagation direction following the energetically most favorable path. The fracture plane passes
through some precipitates via cleavage, most likely along
the planes that have the lowest surface energy. The indentation diagonals (2a) and lengths of the radial cracks (2c)
were used to calculate the toughness following the Niihara
et al. [12] and Anstis et al. [13] models. The white spots
observed in the photographs are reﬂections of the microscope light by lateral cracks below the surface.
Fig. 9 shows the indentation fracture toughness according to the models of Niihara et al. and Anstis et al. (Eqs. (1)
and (2)). This type of fracture toughness increases continuously with the crystallized volume fraction. Reliable data
for the fully crystallized sample to calculate the indentation
fracture toughness could not be obtained because several
cracks were formed around the indentation, preventing
accurate measurement. The results obtained using the Niihara et al. model showed a dependence on the applied load,
which was higher for the 10 N load than for the 5 N load.
The Anstis et al. model showed a smaller load dependence.
Additionally, the KC calculated using the Anstis et al.
model was approximately 20% lower than that determined
using the Niihara et al. model.
3.2.4. Fracture toughness
The fracture toughness values, KDTIC, of the glassceramics were obtained using the double torsion technique.
Fig. 10 shows the values of KDTIC as a function of the crystallized volume fraction. For the parent glass sample,
KDTIC was 0.75 ± 0.01 MPa.m1/2, the most typical value
for silicate glasses. Crystallization increased the KDTIC up

Fig. 10. Fracture toughness of LS2 glass and glass-ceramics as a
function of crystallized volume fraction. The line is a linear ﬁt with
r2 = 0.98.

to 3.50 ± 0.05 MPa.m1/2 for the fully crystallized sample,
which is approximately ﬁve times greater than the value
for the glass. Fig. 10 shows that the KDTIC dependence with
f is almost linear.
3.2.4.1. Study of the fracture surfaces.
The surface
proﬁles of the fracture surfaces were measured using a laser
confocal microscope. Representative images of the fracture
surfaces are shown in Fig. 11(a)–(d). The surface roughness
increased with f due to crack deﬂection. Additionally, the
fracture plane cut most of the precipitates. Segments of
the crack surfaces were mapped. In the sample with a
32% crystallized volume fraction, crack deﬂection is evident
and is associated with the change in crack path when it
encounters a crystal. In the fully crystallized sample, the
amount of crack deﬂection is much greater.
To quantitatively treat crack deﬂection, crack proﬁles
were measured, and the results for all tested samples are
shown in Fig. 12. Crack deﬂection becomes more signiﬁcant as the crystallized volume fraction increases.
The crack deﬂection angle distribution was calculated
from the derivative of the crack proﬁle at each point. The
distributions as functions of the crystallized volume fraction are shown in Fig. 13(a), and their respective cumulative probabilities are shown in Fig. 13(b). The
distributions are unimodal and the median increases with
the crystallized volume fraction, from 0.9° for the glass to
18.7° for the fully crystallized sample. These distributions
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Fig. 11. Laser confocal micrographs of fracture surface segments of
LS2 samples with f = 32%: (a) top view and (b) perspective view; and
samples with f = 100%: (c) top view and (d) perspective view.

Fig. 13. (a) Distribution of the crack deﬂection angles for various
crystallized volume fractions; (b) cumulative counts of deﬂection
angles for glass-ceramics with distinct crystallized fractions (with a
constant crystal size of 12 lm).

Fig. 12. Crack proﬁles of the fracture surfaces of the tested double
torsion samples for the diﬀerent crystallized volume fractions.

will be used in the discussion to estimate the increase in
fracture toughness due to the crack deﬂection.

4. Discussion
4.1. Mechanical properties
4.1.1. Hardness and elastic modulus
The indentation technique is widely used to determine
the mechanical properties of glasses and glass-ceramics.
To the best of our knowledge, there have been no reported
studies about the mechanical properties of these glassceramics with systematic variations in the crystallized volume fraction with a constant crystal size. Most previous
studies refer to fully crystallized glass-ceramics or low crystallized volume fractions. For instance, using instrumented
indentation, Massardo [22] obtained hardnesses of
5.8 ± 0.5 and 8.0 ± 0.6 GPa for the glass and fully crystallized samples, respectively. The elastic modulus was also
measured, and the values were 78 ± 2 and 83 ± 6 GPa for
the glass and the fully crystallized glass-ceramic, respectively. Mastelaro and Zanotto [8], using an ultrasonic technique, obtained an elastic modulus of 75 GPa for the glass
and 122 GPa for a fully crystallized glass-ceramic sample.

Using instrumented nanoindentation, Buchner et al. [26]
reported 6.2 and 82 GPa for the hardness and elastic modulus, respectively, of LS2 glass.
Similarly, the hardness of lithium disilicate-based (nonstoichiometric) glass-ceramics has been measured. For the
commercial EMPRESS 2e used for dental applications,
which has Li2Si2O5 as the main crystallized phase, Vickers
hardnesses in the range 5.3–5.5 GPa for a crystallized volume fraction of 65% were reported [27]. Its microstructure
consists mainly of elongated crystals of lithium disilicate
that are 5 lm in length and have a 7:1 aspect ratio.
12Li2O–79SiO2–4K2O–5Al2O3 wt.% glass-ceramics showed
a Vickers hardness of 5.3 GPa [28]. However, higher hardness values, ranging from 8.1 to 8.4 GPa, have also been
observed for oﬀ-stoichiometric LS2 glass-ceramics with
small amounts of Al, P and Zr [29]. Vickers hardness values
of non-stoichiometric LS2 glass-ceramics containing small
amounts of Ca, P and Zr and with a crystallized volume
fraction of 60–65% were in the range 6.4–7.8 GPa [20].
All of these values are in the range of those measured in this
work for stoichiometric LS2 glass-ceramics. While the Vickers hardness is deﬁned as the applied load to contact area
ratio, the Berkovich hardness is deﬁned as the applied load
to projected area ratio. Vickers hardness is typically 7%
lower than the hardness measured using a Berkovich
indenter.
The elastic modulus of LS2-based glass-ceramics with
additions of other elements has also been measured. Borom
et al. [30] obtained 70 GPa for the elastic modulus of the
glass and a maximum of 90 GPa for glass-ceramics with a
50% crystallized volume fraction. The elastic modulus measured for EMPRESS 2e is in the range of 90–96 GPa
[27,31,32]. Apel et al. [33] measured an elastic modulus of
108 GPa for a SiO2–Li2O–K2O–Al2O3–P2O5 glass-ceramic
with a 60% crystallized volume fraction of Li2Si2O5, the
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main crystalline phase. Finally, Deubener et al. [34] measured an elastic modulus of 78 GPa for an LS2-based
glass-ceramic containing K2O, Al2O3, ZrO2 and P2O5. All
of these data agree with those measured in this study.
4.1.2. Flexural strength
The ﬂexural strength technique has long been a basic test
to determine the resistance of ceramics and glasses to fracture [35]. However, there has been no systematic investigation of the variation of the crystallized volume fraction on
the strength of LS2 glass-ceramics with a constant grain size.
Most of the previous studies refer to non-stoichiometric LS2
glass-ceramics with additions of K, Al, Zr, P and other elements, which have a microstructure that consists mainly of
elongated Li2Si2O5 crystals a few micrometers in length and
a crystallized volume fraction that varies from 30 to 80%.
Most of the tests used three- or four-point bending or biaxial ﬂexural strength tests. The glass-ceramic with the most
studied ﬂexural strength is the commercial EMPRESS 2e.
Its reported strength varies from 250 ± 30 to
400 ± 40 MPa, depending on the surface ﬁnish, test method,
sample and ﬁxture dimensions [20,23–25,28,31,32,36–39].
Borom et al. [30] showed that the presence of the Li2Si2O5
phase is responsible for the increase in strength of the LS2
glass-ceramics. Höland et al. [37] argued that the “rod” shape
and the interlocking microstructure, associated with the high
volume fraction (70%) of Li2Si2O5 crystals, is responsible
for their high strength. In their study, the crystal size was
approximately 5 lm in length and 0.5 lm in diameter. Morimoto and Waraporn [39] found a sharp increase in the bending strength for samples with crystallized volume fractions
greater than 67%. They also observed that the fracture
strength increased linearly with crystal size, doubling the
strength when compared with the parent glass for a crystal
size of approximately 60 nm and a 75–80% crystallized volume fraction. Wang et al. [25] observed the highest bending
strength for a P-doped glass-ceramic with a more homogeneous distribution of rod-shaped Li2Si2O5 crystals. Dittmer
et al. [38] also observed the greatest strength in samples with
the highest crystallized volume fraction.
The results shown in Fig. 7 indicate that the ﬂexural
strength increases with f. As, in our samples, the crystal size
was held constant, the increase is due solely to the increase
in the crystallized volume fraction. We estimated the critical defect size for diﬀerent values of f, assuming a semielliptical crack at the surface, as c ¼ ðK DTIC =1:28rS Þ2 [40],
where KDTIC is the fracture toughness for the particular
volume fraction and c is the crack radius. The calculated
values are shown in Table 2. The estimated critical ﬂaw size
is 32 lm for the glass, which increases to 110 lm for the
fully crystallized sample.

Because the glass has a lower fracture toughness, we also
estimated the eﬀect of the thermal residual stress. Residual
stresses are always present in glass-ceramics due to thermal
expansion diﬀerences between the crystalline precipitates
and the glass matrix. They can be calculated using the following expression [41]:
rc ¼

1
3K c

ðac  ag Þ  DT
þ 4ð1f1 Þlg þ 3ð1ff ÞK g

ð5Þ

where rc is the residual stress inside the precipitate, a is the
linear thermal expansion, l is the shear modulus, K is the
bulk modulus and f is the volume fraction of precipitates.
The subscripts g and c refer to the glass and the crystalline
phase, respectively. DT is the diﬀerence between Tg (when
the glass stops ﬂowing upon cooling) and room temperature.
The average residual stress in the glass matrix has the opposite sign, and is given by following the equilibrium condition:
g ¼ 0
f  rc þ ð1  f Þ  r

ð6Þ

The values of the average residual stress in the glass
matrix are shown in Table 2. They increase almost linearly
with f and are 32.5 MPa for the glass-ceramic with 48% crystallized volume fraction. The inﬂuence of residual stresses for
a crack nucleated in the glass is considered simply by adding
the calculated residual stress to the applied stress and recalculating the critical defect size considering KDTIC as the fracture toughness of the glass phase. The critical defect size is
2
g Þ and decreases
calculated as cg ¼ K DTIC =1:28ðrS  r
from 32 lm for the glass to 6 lm for the 48% crystallized
sample. Therefore, at this particular f, the critical defect size
is considerably smaller than the critical defect size calculated
not considering the residual stresses, which is 67 lm.
Another situation that may be present is crack nucleation in the glass phase around a precipitate due to the
eﬀects of an external stress. Green [42] calculated the critical radius of the precipitate for crack nucleation that, once
nucleated, may cause the specimen’s failure. In his model,
the thermal residual stresses in the precipitate are considered. The critical radius rc is given by:
pK 2IC ða þ 1Þ5
rc ¼ h
i2
a 2rS ða þ 1Þ2  rc ða þ 2Þ

ð7Þ

where a is a geometrical parameter equal to p/2, and rS and
KIC are the experimental values for each volume fraction.
The calculated values of rc are shown in Table 2. Even
for volume fractions as low as 5%, the estimated critical
radius is similar to the crystal size (6 lm). The critical
radius for spontaneous crack nucleation under an applied
external stress is consistently less than the existing critical

Table 2. Calculated critical surface semi-circular ﬂaw sizes, average residual stress in the glass phase, critical semi-circular ﬂaw size in the glass,
critical precipitate sizes for spontaneous cracking under an external stress [42] and mean free path as a function of the crystallized volume fraction
under diﬀerent conditions.
Critical ﬂaw size (lm)

Critical ﬂaw size considering residual stresses (lm)

f (%)

No residual stresses

g (MPa)
r

Glass (cg)

Critical radius for cracking under remote stress (rC)

Mean free path (lm)

0
5
16
48
100

32 ± 2
17 ± 8
30 ± 10
67 ± 8
110 ± 20

0.0
3.7
11.2
32.5
–

32 ± 2
15 ± 5
13 ± 4
8±1
–

–
9±3
8±3
6±1
–

–
152
44
9
–
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defects inside the glass, even when the tensile thermal residual stresses inside the glass are considered. The critical radii
predicted by Eq. (7) are also in the size range of the individual crystal size of our specimens. In addition, crystals tend
to cluster with increasing f, forming precipitates of larger
size. There is, thus, a greater probability of spontaneous
fracture under an external load. The mean free path
between the crystals is also shown in Table 2 and is given
as 2dð1  f Þ=3f [43], where d is the precipitate diameter
and is always larger than cg.
There are two probable mechanisms limiting the ﬂexural
strengths of our samples: (i) propagation of cracks in the
glass matrix that are helped by the residual tensile stresses;
and (ii) spontaneous crack nucleation around the crystals
under external stress. The former is possible because the
critical crack sizes are always smaller than the mean free
path between the crystals for a particular volume fraction.
The latter is also possible because the critical precipitate
radius is similar to the crystal size.
The increases in H and E with crystallization also have
beneﬁcial eﬀects on the strength. The greater hardness
implies that, for a constant stress, the defect size produced
is smaller for a constant load. Additionally, with an
increasing crystallized volume fraction, the probability of
a critical defect in the glass (the weaker phase) decreases
and therefore the ﬂexural strength increases.
4.1.2.1. Eﬀect of pores.
A close inspection of the
fully crystallized samples revealed the presence of an
approximately 5% volume fraction of pores. Pores always
cause a reduction in strength, which can be estimated using
the empirical relation [44]:
rS ¼ rS0 expðnP Þ

ð8Þ

where rS0 is the experimental strength at zero porosity, n is
a constant in the range 4–7 and P is the porosity. For the
fully crystallized sample, for an average n = 5.5, the
strength reduction is 24% when compared with a pore-free
sample, which demonstrates that if pores could be avoided
during crystallization, an additional increase up to approximately 20–30% would be achieved, depending on the
actual value of n.
In addition to the overall porosity, it is expected that the
strength does not depend on the pore size if the pores are
perfectly spherical. For a spherical pore, the stress concentration factor is 3 and does not depend on its radius [45]. It
is likely that some of the pores that are nucleated by degassing at the crystal/glass boundaries are not perfectly spherical, in which case the stress concentration will be a
function of their size and shape.
The presence of a crystallized layer resulted in an
increase, from 260 to 290 MPa, in the ﬂexural strength of
the fully crystallized samples. It is known that the residual
stress in this layer is caused by the thermal expansion and
elastic mismatches between the glass and the crystals. It
reaches 50 ± 15 MPa (compressive) for low crystallized volume fractions [9]. Because there is no glass phase in our
fully crystallized materials, this diﬀerence may result from
the intrinsic thermal expansion and elastic anisotropies of
the Li2Si2O5 phase. This phase has an orthorhombic unit
cell, and the crystallized surface has a tendency to grow
preferentially along the c-direction [9]. Therefore, we suggest that this increased ﬂexural strength might be due to
the residual stresses (most likely slightly compressive)
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caused by the thermal expansion and elastic anisotropies
of the orthorhombic unit cell.
4.1.3. Indentation fracture toughness
We observed an increase in the indentation fracture
toughness with the crystallized volume fraction, as
observed in Fig. 9. However, these data are not in agreement with the measurements of the fracture toughness measured using the double torsion technique, as shown in
Fig. 14. KC and KDTIC were in agreement only for low f,
below approximately 15%; for greater volume fractions,
there is a continuous increase in KDTIC with f.
Quinn and Bradt [46] discussed the use of the Vickers
indentation technique to determine the fracture toughness
of ceramic materials. Based on the reported data from studies by several authors and tests performed using diﬀerent
materials, they recommended that the Vickers indentation
technique should be discontinued as a test to measure
KIC. Nevertheless, the indentation technique has several
advantages: it is simple, fast and non-destructive, and
requires only a small sample region with a ﬂat and polished
surface. For these reasons, several studies have reported,
and continue to use, indentation fracture toughness as an
estimate of the fracture toughness for many materials,
including lithium-disilicate-based glass-ceramics [31,47].
However, as our results demonstrate, the indentation technique only gives approximate results for fracture toughness
at very low values of f. For more crystallized samples, it
predicts a signiﬁcantly lower toughness, which may have
several causes: internal residual stresses, changes in the
crack geometry with f, and R-curve behavior.
The thermal residual stresses arise because of the thermal expansion mismatch between the glass and the crystals,
which determines the crack path depending on the diﬀerence in the thermal expansions [4]. As f increases, the crack
produced by the indenter may change from semicircular to
Palmqvist, and diﬀerent cracks with diﬀerent geometries
(lateral, cone or ring cracks) may be formed. These cracks
relieve the residual stresses produced during the indentation, and the models of Niihara et al. and Anstis et al.
are no longer valid. Additionally, polycrystalline ceramics
usually show an increase in resistance to fracture for larger
cracks. This behavior translates to an increase in toughness
with increasing crack length. For the indentation test, this

Fig. 14. Comparison between the indentation fracture toughness using
a 10 N Vickers indentation according to Anstis et al. [13] and the
fracture toughness evaluated using the double torsion technique as a
function of the crystallized volume fraction for LS2 glass-ceramics with
a constant crystal size (12 lm). The inset is a magniﬁcation of KC and
KDTIC for lower values of f. The lines are a guide to the eye only.
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property is equivalent to a dependence of the crack length
on the indentation load and may explain why KC is lower
than KDTIC for highly crystallized LS2 glass-ceramic
samples.
Therefore, while the use of the indentation technique has
some advantages, it does not provide true fracture toughness values, as we clearly demonstrate in Fig. 14.
4.1.4. Fracture toughness
We observed a continuous increase in KDTIC with f for
LS2 glass-ceramics. Several factors may contribute to the
increased fracture toughness of glass-ceramics: crack deﬂection [48], increased elastic modulus due to crystallization
[49], crack bowing and trapping [43], crack bridging [50],
internal residual stresses [51], pre-existing microcracking
[52] and phase transformation induced by fracturing [53].
We will discuss each of these possibilities below.
4.1.4.1. Crack deﬂection and elastic modulus.
The
contribution of crack twist and tilt derives from the fact
that, as the crack deviates from its planar conﬁguration,
modes II and III are also induced at the crack front, resulting in an increase in fracture toughness [48]. The causes of
crack deviation are residual stresses due to thermal expansion, elastic mismatches between the precipitate and the
matrix, and crack deﬂection at the precipitate/glass interface [4]. Faber and Evans [48] estimated the inﬂuence of
the crystallized volume fraction, particle morphology and
aspect ratio of the precipitates on the strain energy release
rate for fracture. The increase in the strain energy release
rate, G, of the deﬂected crack is
EG ¼ K 2I ð1  m2 Þ þ K 2II ð1  m2 Þ þ K 2III ð1 þ mÞ

ð9Þ

where KI, KII and KIII are the local stress intensity factors
as a function of the deﬂected angle and E and m are the elastic modulus and Poisson’s ratio of the material.
The toughening increment GC is equal to ðGm =hGiÞGmC ,
where Gm is the strain energy release rate for an undeﬂected
crack, hGi is the average strain energy release rate across
the crack front and GmC is the critical energy release rate
of the matrix. The diﬀerent stress intensity factors were calculated using trigonometric relations as a function of the
tilt and twist angles. The toughening increment was calculated by averaging the tilt and twist components and the
increase in the fracture surface area. We have calculated
the toughening increment for a uniform spacing and also
for a normal distribution of spheres. The standard deviation was assumed to be 0:4ðL=r0 Þ, where L is the interparticle distance and r0 is the precipitate radius. Here we
used a slightly diﬀerent relationship than the original used
by Faber and Evans (Eq. (29) in Ref. [48]) for the normal
distribution:
Z 1
hGi
1
1 ðzL=r0 Þ2 =2r2 T
e
½G ðzÞ þ Gt ðzÞdz
1 ¼ pﬃﬃﬃﬃﬃﬃ
G
r
2p 2
Z 2
1 ðzL=r0 Þ2 =2r2 T
þ
e
½G ðzÞ þ Gt ðzÞdz
r
1

Fig. 15. The strain energy release rate for the experimental
data was calculated as K 2DTIC ð1  m2 Þ=E.
The calculated strain energy release rate assuming uniform spacing ﬁts the experimental data for volume fractions below 10% well. For higher volume fractions, Gc is
underestimated. For the Gaussian spacing distribution,
the predicted strain energy release rate does not ﬁt the
experimental data well: it predicts a higher toughness at
low volume fractions and a lower toughness at high volume
fractions when compared with the experimental data.
Another contribution to the toughness is the elastic
modulus. An increase in the elastic modulus results in an
increase in the strain energy release rate. This fact can be
observed from Eq. (9). If the elastic modulus of the glassceramics is increased, there is a decrease in the strain energy
release rate. As a consequence, a greater G must be applied
in order for the crack to advance and fracture the specimen.
The relative increase in G is proportional to Egc/Eg, where
Egc and Eg are the elastic moduli of the glass-ceramic and
the glass, respectively.
As shown in Fig. 6(b), the crystallization of LS2 glassceramic causes a continuous increase in the elastic modulus,
from 80 GPa in the glass to 120 GPa in the fully crystallized
sample. The incorporation of the elastic modulus increase
in the calculated G is also plotted in Fig. 15. There is a continuous increase in GC with the crystallized volume fraction, and the correction is on the order of 20%.
From Fig. 12, we were able to experimentally measure
the crack deﬂection angle distributions for the full range
of crystallization from glass to a totally crystallized sample
(Fig. 13(a)). Therefore, we can estimate the increase in
toughness for each individual deﬂection distribution. To
achieve this goal, we ﬁtted a pseudo-Voigt function to each
distribution in Fig. 13(a), including a normalization constant. This constant was obtained by normalization of the
function over the interval p/2 and p/2. The strain energy
release rate was calculated as
Z p=2
hGi
¼
F ð/Þ½GT ð/Þ þ Gt ð/Þd/
ð11Þ
G1
p=2
where F(/) is the ﬁtted pseudo-Voigt function to the experimental crack deﬂection proﬁle. The results are plotted in
Fig. 16 as a function of the crystallized volume fraction
and are compared with our experimental data. Kotoul
et al. [54] proposed diﬀerent trigonometric relations for
GT(/) and Gt(/) for the dependence of the stress intensity

ð10Þ

where GT and Gt are the contributions of the crack twist
and tilt, respectively, z ¼ x=r0 and r ¼ 0:4L=r0 . The precipitates are in contact for z = 2, and they do not contribute to
crack deﬂection for z < 2 because they act as a single precipitate. The results of the calculations are shown in

Fig. 15. Experimental data and calculated strain energy release rate
due to crack tilt and twist with diﬀerent crystallized volume fractions
according to Faber and Evans [48]. The diﬀerent eﬀects of uniform and
distributed precipitate spacing are shown. The eﬀects of increases in
the elastic modulus with f (Eg and Egc) are also shown.
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tance is equal to the mean free path and 2c0 ¼
4r0 ð1  f Þ=3f .
The inﬂuence of crack bowing according to Green [43] is
plotted in Fig. 17 as a function of the crystallized volume
fraction for strong and weak obstacles with diﬀerent
strengths. For the case of LS2 glass-ceramics, the strong
obstacles predict a much greater fracture toughness than
experimentally observed. The best ﬁt is for weak obstacles
with a strength of r0 =r0 ¼ 0:4, although it overestimates
the toughness at low volume fractions.

Fig. 16. Experimental data and calculated strain energy release rate
from the experimental fracture surface roughness from Fig. 13(a)
according to Faber and Evans [48] and Kotoul et al. [54]. The eﬀect of
the increase in the elastic modulus with f on GC is also shown.

factors on the crack twist and tilt angles (see Eq. (8) in Ref.
[54]). The calculations using their proposed relations are
also plotted in Fig. 16. In both cases, the increase in the
strain energy release rate is in relation to the strain energy
release rate of the glass. The maximum increase in crack
toughness due to crystallization is 20% according to Faber
and Evans [48] and 90% according to Kotoul et al. [54]. The
relation proposed by Kotoul et al. predicts a greater toughness than those calculated according to Faber and Evans.
Additionally, the inclusion of the increase in E with f does
not result in a signiﬁcant increase in GC. It is clear that the
crack deﬂection and the increase in the elastic modulus
alone cannot explain the increase in GC, which is approximately 25 times higher than the GC of the glass.
Another toughening mecha4.1.4.2. Crack bowing.
nism is crack bowing. This has been treated by Evans
et al. [52] and Green [43]. As the crack advances and
encounters a precipitate, the precipitate acts as an obstacle
to crack propagation, especially if the precipitate toughness
is higher than the glass, as is usually observed in glassceramics. As the crack becomes pinned between two precipitates separated by a distance d, it bows under with
increased stress to form a semielliptical shape until it breaks
away at a stress rr, higher than the stress rC required for
crack propagation in the glass. We observed some evidence
of this in some photographs (not shown). Depending on the
precipitate toughness, the crack may partially penetrate the
precipitate before breaking away. A ﬁtting parameter of the
model is the ratio of the distance r0 between the origin of
the secondary crack at the breakaway and the primary
crack front to the interprecipitate distance 2c0 . For strong
(impenetrable) obstacles, the crack front is almost semicircular and r0 ¼ 2r0 , where ro is the precipitate radius. For
weak (penetrable) obstacles, the crack front is straighter,
and the ratio r0 =r0 is less than 1 and deﬁnes the strength
of the obstacle. Green [43] ﬁtted the ratio rr =rC as a function of r0 =c0 using a series expansion. The increase in toughness is deﬁned as
 2
GC
Eg rr
¼
ð12Þ
Gg Egc rc
where Gg is the glass strain energy release rate.
A critical parameter in the model is the interparticle
distance 2c0 . For strong obstacles, it has been suggested
that,
for a random distribution of spheres, 2c0 ¼
pﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
ð 2p=3f  2Þr0 . For weak obstacles, the interparticle dis-

4.1.4.3. Crack bridging and trapping.
A more
detailed calculation that considers not only crack bowing
and trapping but also bridging was performed by Bower
and Ortiz [50] for low crystallized volume fractions. They
considered a rectangular array of perfectly bonded particles, as is the case in glass-ceramics. If K pIC =K gIC < 3, where
K pIC and K gIC are the critical stress intensity factors of the
crystals and the glass, respectively, the crack is able to penetrate the precipitates and fracture them, and no bridging is
formed. If K pIC =K gIC > 7, the crack bypasses the precipitates,
bridging the surfaces behind the crack. A more detailed
description of the diﬀerent mechanisms is shown in
Fig. 18, where r0 is the precipitate radius and L is the particle distance [50]. These two parameters are related to the
volumepfraction
ﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ of the (assumed) spherical particles by
r0 =L ¼ 3f =2p.
From a previous section, K pDTIC =K gDTIC ¼ 5 for LS2.
Therefore, Fig. 18 shows that, as the crystallized volume
fraction increases, the crack is able to bypass the precipitates in a succession of unstable bridging and stable pinning

Fig. 17. Inﬂuence of crack bowing and trapping on the strain energy
release rate according to Green [43] for strong and weak obstacles with
diﬀerent strengths compared with the experimental data.

Fig. 18. Diﬀerent regimes of a crack interacting with bonded precipitates according to Bower and Ortiz [50]. A line corresponding to
K pIC =K gIC ¼ 5 for LS2 is indicated in the ﬁgure. Adapted from Ref. [50].
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precipitate regimes. Unstable bridging occurs when the
crack bypasses the precipitates, but they fracture before
the crack reaches the next row of precipitates. For very
low crystal volume fractions, approximately 2% (r0/
L = 0.1), there are already two rows of bridging precipitates, which remain the same up to a volume fraction of
approximately 13% (r0/L = 0.25). Therefore, under these
conditions, there is a regime of both crack trapping and
crack bridging.
For this condition, Bower and Ortiz [50] estimated the
increase in toughness due to crack trapping and bridging as
vﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
"
#
u
r 2 K p 2
u
K gc
0
IC
IC
ð13Þ
¼ t1 þ p
1
K gIC
L
K gIC
where K gc
IC is the critical stress intensity factor of the glassceramic.
The result of the calculation is shown in Fig. 19. The
predicted toughness is greater than the experimental data.
Because the bonding between the crystalline precipitates
and the glass matrix is very good in glass-ceramics in general, and especially in LS2, where the precipitate and the
glass are stoichiometric, no frictional crack bridging is
observed, which is another important toughening mechanism in ceramics that was not observed here.
4.1.4.4. Fracture toughness variation as a function of
crystallized volume fraction.
All of the models shown
earlier are valid for low crystallized volume fractions. As
the volume fraction increases and the precipitates become
closer to one another, a crack is not able to bow out completely before contacting the next precipitate. Additionally,
we observed in our LS2 glass-ceramics that some precipitates also fractured, even at low crystallized volume fractions, and thus their toughness should be incorporated in
the model. To include the crystal toughness and extend
the ability to predict toughness to higher crystallized volume fractions, we will treat this problem in a simpliﬁed
manner.
Consider a crack that advances towards an area AT in
the crack plane. This area will be composed of an area
AP from the precipitates and an area AG from the glass,
such that AT = AP + AG. The work performed per unit area
to fracture the glass-ceramic will be the sum of the work
performed per unit area of fracturing the glass and the
precipitates:

ð1  m2gc Þ gc 2
ð1  m2p Þ p 2
ðK IC Þ AT ¼
ðK IC Þ AP
Egc
Ep
þ

ð1  m2g Þ g 2
ðK IC Þ ð1  AP Þ
Eg

The ratio AP/AT is assumed to be proportional to the
crystallized volume fraction f and, as there is no signiﬁcant
diﬀerence between the Poisson’s modulus of the glass and
the precipitate, the result is
vﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
!
u

2
u
Egc K pIC
Egc
gc
g tEgc
ð15Þ
K IC ¼ K IC
þf 


Eg
Ep
K gIC
Eg
where the elastic modulus of the glass-ceramic, Egc, was
taken as the best ﬁtting line of Fig. 6(b). This procedure
results is an upper bound from the rule of mixtures for fracture toughness.
The results are plotted in Fig. 19. The experimental data
are only slightly lower than the prediction of Eq. (15). Several factors aﬀect the crack path: precipitate morphology
and size, elastic mismatch between the precipitate and glass,
thermal residual stresses, glass and precipitate fracture
toughness and interfacial strength [4,55–57]. One possibility
for the diﬀerence observed in Fig. 19 is the tendency for the
crack to propagate more in the weaker phase (glass) than in
the tougher phase (precipitates) at moderate crystallized
volume fractions. At crystallized volume fractions between
30 and 70%, the glass and the precipitates form two interpenetrable phases as they are within the percolation limits.
In LS2 glass-ceramics, the thermal expansion of the glass is
higher than the precipitate and tensile residual stresses are
developed in the glass phase (and compressive stresses in
the precipitates). The consequence is that the actual ratio
of the glass crack surface area to the total surface crack
area AG/AT is larger than (1  f), where f is measured by
the usual method of the area analysis of a polished area
of the glass-ceramic. Also, the ratio AP/AT is smaller than
f and Eq. (15) overestimates K gc
IC .
To further treat this problem, we deﬁned the ratio AP/AT
of the crack surface as f0 to be used in Eq. (15). The measurement of f0 is diﬃcult and an estimative of f0 from f
would be beneﬁcial. We proposed the simple relation:
f0 ¼

nf
1þnf

ð16Þ

where n is an adjustable parameter. Eq. (16) has some
advantages. At both limits, when f is 0 (glass) or 1 (fully
crystallization), f 0 ¼ f . Also, if n ! 1, f 0 ¼ f for all f
and Eq. (15) is recovered. Finally, the smaller n is, the more
diﬀerent f0 is from f. Fig. 20 shows Eq. (16) evaluated for
diﬀerent values of n. Eq. (16) is inspired by the semi-empirical Halpin–Tsai equation used to estimate the elastic constants for two-phase elastic solids [58].
When f0 deﬁned by Eq. (16) is substituted in Eq. (15), we
have:
g
K gc
IC ¼ K IC
vﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
!
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2
uEgc
nf
Egc K pIC
Egc
t


þ


Eg ð1 þ n  f Þ
Ep
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Eg

Fig. 19. Experimental and calculated toughness for the inﬂuence of
crack trapping and bridging on the fracture toughness according to
Bower and Ortiz [50] and according to Eq. (15).

ð14Þ

ð17Þ

A best ﬁt using the least-squares method of Eq. (17) for
the experimental data yields n = 1.74. The result is plotted
in Fig. 21. The agreement with the experimental data is very
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5. Conclusions

Fig. 20. The ratio of the precipitates area to the total area of the crack
surface f0 as a function of the crystallized volume fraction f according
to Eq. (16).

Fig. 21. A minimum least-squares ﬁt of Eq. (17) to the experimental
data with n = 1.74.

good, covering the full range from the parent glass to the
fully crystallized glass-ceramic. n deﬁnes how close the precipitate fraction crack area f0 is to the crystallized volume
fraction f, and is the only adjustable parameter of the
model.
Internal residual stresses have always been thought to
aﬀect fracture toughness. In LS2 glass-ceramics, the crystal
thermal expansion is lower than that of glass. Therefore,
residual tensile stresses are present in the tangential direction in the glass matrix and, according to Taya et al. [51],
its contribution would be to decrease the fracture toughness
with increasing f. However, this result contradicts the
experimental observations in this work. A similar situation
was observed in a bioglass-ceramic of the Na–Ca–Si–P–O
system, where the crystalline phase has a lower thermal
expansion than that of the glass and an increase in fracture
toughness with crystallization was experimentally observed
[1]. Therefore, residual stresses have a negligible direct
eﬀect on the fracture toughness in these LS2 glass-ceramics.
Rouxel and Laurent [59] studied the mechanical properties of an oxynitride glass with dispersed SiC particles. The
maximum SiC volume fraction studied was 40%. Their
composite showed an increase in strength and fracture
toughness with f, which was attributed to crack bowing
and bridging due to the strong interfacial bonding between
the glass and the particles, and also due to the higher E,
fracture strength and KIC of the SiC particles.
Finally, phase transformations did not contribute to the
fracture toughness because no phase transformation was
observed for the Li2Si2O5 phase in LS2 glass-ceramics.

We measured several mechanical properties of stoichiometric lithium disilicate glass-ceramics by systematically
varying the crystallized volume fraction from 0 to 100%
while keeping the crystal size constant. Controlled internal
crystallization of lithium disilicate glass signiﬁcantly
increased the hardness, elastic modulus, ﬂexural strength
and fracture toughness. All of these properties reached a
maximum for the fully crystallized glass-ceramic.
The hardness and elastic modulus increase linearly with
the crystallized volume fraction. The values of the indentation fracture toughness were much lower than the real fracture toughness measured using the double torsion
technique. The ﬂexural strength showed a strong increase
for low crystallized volume fractions, f, then slowly
increased with greater f. The controlling factor of the ﬂexural strength of the partially crystallized glass-ceramics
appears to be pre-existing cracks in the glass matrix (subjected to residual tensile stresses) and the cracking of the
glass matrix around the precipitates when subjected to
external loading.
The distributions of the crack deﬂection angles were
experimentally measured and their contribution to crack
toughening was estimated. We then calculated the possible
contributions of several mechanisms and concluded that
the main toughening mechanisms are crack bowing and
trapping (for low f), as well as the greater elastic modulus
and fracture toughness of the crystal precipitates. A simple
model, which incorporates the elastic moduli, precipitate
fracture toughness and crystallized volume fraction, was
proposed to explain the evolution of fracture toughness
with crystallized volume fraction. The agreement with
experimental data was very good. Although these results
refer to LS2, we expect them to apply to several other types
of glass-ceramics.
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Kappert, V. Rheinberger, W. Höland, J. Mech. Behav.
Biomed. Mater. 1 (2008) 313.
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